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Under certain conditions the conjugated polymer poly(3-hexylthiophene) (P3HT) self-assembles into high-aspect-ratio nanos-
tructures (known as nanofibres, nanowires, or nanoribbons) when cooled below its solubility limit in a marginal solvent such
as anisole. Such nanostructures are potentially beneficial for organic photovoltaic device performance. In this work, Langevin
dynamics simulations of a coarse-grained model of P3HT in implicit anisole solvent are used to study the self-assembly of P3HT
nanostructures for polymer chain lengths and concentrations used experimentally to prepare P3HT nanofibres. The coarse-
grained model is parametrised to match the local structure and dynamics of an atomistic model with explicit solvent. Nanofibres
are also prepared experimentally and characterised by atomic force microscopy and UV-vis spectroscopy. The simulations match
the experimental phase behaviour of P3HT in anisole, showing aggregation of P3HT at 293 and 308 K but not at 323 or 353 K.
Single-chain simulations at 293 K reveal two distinct nano-scale aggregate morphologies: hairpins and helices. Hairpin aggre-
gates, which are the precursors of nanofibres, are slightly favoured energetically at 293 K for nuclei of the critical size of ≈80
monomers for aggregation. Consequently, chains in multi-chain aggregates adopt the hairpin morphology exclusively in simula-
tions at experimental concentrations at 293 K. The simulated aggregate sizes match experimentally measured nanofibre widths.
An estimate of the shift in UV-vis absorption of P3HT due to the change in conjugation length with aggregation in the simulations
agrees reasonably well with experiment and shows that most of the spectral red shift that occurs with nanofibre formation is due
to increased planarisation of the P3HT chains. In addition to providing insight into the mechanisms of nanofibre formation, the
simulations resolve details of the molecular-level organisation of chains in P3HT nanofibres hitherto inaccessible by experiment.
1 Introduction
The nano-scale morphology of conjugated polymers plays a
crucial role in the performance of organic electronic devices
such as solar cells.1 The ability to control polymer morphol-
ogy is thus an important step towards the rational optimisation
of such devices. Self-assembly is one means of making repro-
ducible nano-scale structures that has considerable practical
advantages over other methods for fabricating such structures,
such as nanolithography.2
Poly(3-hexylthiophene (P3HT) is one of the most widely
used polymers in organic photovoltaic devices3 and is known
to self-assemble into nanostructures including high-aspect-
ratio nanofibres due to its natural tendency to aggregate in an
ordered, quasi one-dimensional fashion.4–8 These nanofibres
(which are perhaps more accurately described as nanoribbons)
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are typically tens of nanometres wide, a few nanometres high,
and up to microns long.4,6,8,9 Nanofibres can be prepared in
a variety of ways,2 with one common solution-phase tech-
nique involving gradually modifying the polymer’s solubility
so that controlled aggregation occurs, for example by dissolv-
ing the polymer in a marginal solvent at heightened tempera-
ture and allowing aggregation to occur through a slow cooling
process.6,7 Aggregation can also be induced by using mixed
solvents.2 The unfavourable entropy decrease that occurs as
a result of the formation of large assembled molecular struc-
tures is overcome by the reduction of less favourable solvent
interactions upon aggregation. The anisotropic interactions
between monomers along the polymer chain, which include
π–π and alkyl side-chain interactions, help to drive the self-
assembly of high-aspect-ratio nanostructures.
One significant practical reason for the strong interest in
high-aspect ratio conjugated polymer nanostructures is their
potential for improving the performance of organic solar cells,
in which conjugated polymers are often the electron donor ma-
terial in a typically disordered donor/acceptor mixture, by pro-
viding an optimal morphology for exciton and charge trans-
port. These nanostructures can improve efficiency by provid-
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Fig. 1 Schematic of the molecular structure of a P3HT nanofibre.
ing short pathways on the order of the exciton diffusion length
of ∼10 nm for light-induced electronic excitations (excitons)
to diffuse to donor/acceptor interfaces, by providing long con-
tinuous pathways for holes and electrons produced at these in-
terfaces to migrate to the electrodes, and by improving charge-
carrier mobilities.10–13
Experimental techniques such as grazing incidence x-ray
diffraction, electron diffraction, and transmission electron mi-
croscopy have provided important insight into the structure
of molecular-level structure of P3HT nanofibres.4,8,14 For ex-
ample, it is known that the longest axis of a P3HT nanofibre
corresponds to the π-stacking direction ([010] direction), the
second longest axis corresponds to the direction of the poly-
mer repeat units ([001] direction), and the shortest axis corre-
sponds to the direction of the alkyl side chains ([100] direc-
tion), as shown in Fig. 1. Typical nanofibre lengths of hun-
dreds to thousands of nanometres, widths of tens of nanome-
tres, and heights of 3–7 nanometres14 suggest thousands of
π-stacked layers along the [010]-axis, tens of thiophene re-
peat units along the [001]-axis, and 2–4 chains along the
[100]-axis, given experimentally measured unit cell spacings
of b = 0.38 nm, c = 1.68 nm, and a = 0.78 nm, respectively.14
But much is still not known about the molecular-level or-
ganisation of the chains within P3HT nanofibres or the mech-
anism by which they self-assemble. The substantially larger
contour length of the polymer chains (>100 nm for typical
molecular weights) compared with the nanofibre width of tens
of nanometres means that the chains must loop back on them-
selves in the nanofibre in the [001] direction. The particu-
lar arrangement of individual chains when they loop back on
themselves (e.g. do different segments end up in the same or
different (100) or (010) planes?) and the nature of the loops
(e.g. their radius of curvature) are difficult, if not impossi-
ble, to resolve experimentally. Given the significant impact
that polymer conformation has on the electronic properties of
conjugated polymers such as P3HT,15 insight into these issues
would be beneficial.
Computer simulation models can help to clarify the struc-
ture and dynamics of self-assembly of conjugated polymer
nanostructures in solution. So far almost all molecular-level
computational studies of P3HT have used models in which the
polymer chains are described in atomistic detail. 16–22 How-
ever, such atomistic simulations are only readily feasible for
polymer chain lengths and time scales smaller than those
needed to observe the self-assembly of structures larger than a
few nanometres. Furthermore, none of these studies has ad-
dressed the structure or dynamics of P3HT in solution, let
alone the self-assembly of P3HT nanostructures.
A more computationally feasible alternative that can ac-
curately capture many of the molecular-level details of an
atomistic simulation model is to use a systematically coarse-
grained (CG) model, in which each CG site represents a
collection of atoms and in which the interactions between
CG sites are parametrized to reproduce the local structure23
or forces24 in the atomistic model. Systematically coarse-
grained models have been developed in the past to describe
the morphology of P3HT and P3HT/fullerene mixtures in the
liquid state.25–27 However, such methods have never been ap-
plied to study P3HT nanostructure formation in solution.
In this paper, a coarse-grained model of P3HT in implicit
anisole solvent is systematically parametrised from an atom-
istic model with explicit solvent and is used to model the ag-
gregation of P3HT nanostructures in anisole, a marginal sol-
vent, using classical Langevin dynamics simulations for ex-
perimentally relevant polymer chain lengths and solvent con-
centrations. High-aspect-ratio P3HT nanostructures, namely
nanofibres, are also prepared experimentally and are charac-
terised by atomic force microscopy (AFM) and UV-vis ab-
sorption spectroscopy. The phase behaviour and structural
properties of P3HT in the coarse-grained simulations are com-
pared with experiments, while analysis of the simulation re-
sults is used to provide insight into the self-assembly process
and molecular-level structure of P3HT nanofibres.
2 Computational methods
2.1 Atomistic simulation model
The atomistic model of P3HT (chemical structure given in
Fig. 2) was adapted from the P3HT model previously de-
veloped by Huang et al., 25 which was in turn adapted from
a model of tetrathiophene.28 The tetrathiophene model uses
equilibrium bond lengths and angles and partial charges from
quantum density functional theory (DFT) calculations and
takes the rest of its parameters (except for the inter-monomer
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Fig. 2 Chemical structure of P3HT with coarse-grained sites
depicted and labelled.
torsional potential) from the widely used OPLS-AA force
field.29 This model agrees well with experiments for struc-
tural and thermodynamic properties of tetrathiophene, in-
cluding the density, crystal structure, and heat of sublima-
tion. Parametrisation of the atomistic P3HT model essen-
tially involved adding a hexyl side chain (with parameters
taken directly from the OPLS-AA force field) to this tetrathio-
phene model, as well as replacing the inter-monomer tor-
sional potential obtained from DFT calculations of a thio-
phene dimer with a DFT-derived potential for substituted thio-
phene oligomers,30 which accounts for the higher torsional
barriers due to extended electron delocalisation in conjugated
oligomers compared with dimers or small molecules.30 For
similar reasons, a torsional potential from the OPLS-AA force
field, which was parametrised based on the properties of small
molecules, was not used.
The procedure used to parameterise the P3HT model is de-
scribed in detail in Ref. 25. The P3HT model used here differs
in two respects from that in Ref. 25 and follows more closely
the OPLS-AA force field. First, OPLS-AA parameters31 were
used for the dihedral potentials that maintain planarity of the
thiophene ring, since the potentials used in Ref. 25 were found
to allow unphysical out-of-plane ring motion, which resulted
in simulated P3HT oligomers in which the most probable thio-
phene ring configuration was non-planar. Second, due to the
changes to the intra-ring dihedral potentials, it was necessary
to reparametrise the inter-monomer torsional potential. Fol-
lowing the procedure in Ref. 25, this potential was fitted to the
inter-monomer torsional potential from quantum DFT calcu-
lations of an isolated 3-methylthiophene 14-mer.30 The only
difference between the models for 3-methylthiophene and 3-
hexylthiophene was the length of the alkyl side chains in the
two molecules. The atomistic P3HT model parameters and
the fitting of the inter-monomer torsional potential are given
in the Supplementary Information. The density of P3HT
monomers at 298 K and 1 atm (0.933± 0.002 g/mL) simu-
lated using the model in a 1-ns simulation of 256 monomers
at constant temperature and pressure agrees well with experi-
ment (0.936 g/mL).32 To model anisole, the OPLS-AA force
field29,31,33 was used without modification.
All atomistic and coarse-grained simulations were carried
out for regioregular P3HT (rr-P3HT) using the LAMMPS
molecular dynamics (MD) simulation package.34 VMD was
used for visualisation.35 Atomistic simulations of monomers
in anisole and of decamers in anisole were carried out for 6 ns
and 22 ns respectively at constant temperature (353 K) and
pressure (1 atm) using a Nosé-Hoover thermostat and baro-
stat (NPT ensemble). Carbon–hydrogen bond distances were
constrained using the SHAKE algorithm36 and long-range
electrostatic interactions were calculated using the particle–
particle particle–mesh (PPPM) method.37,38 Non-bonded van
der Waals interactions, modelled using the Lennard-Jones po-
tential, were truncated and shifted to zero at a cut-off distance
of 12 Å. Simulations were carried out in a cubic simulation
box with periodic boundary conditions using a time step of
2 fs. Initial configurations consisted of randomly positioned
and oriented molecules, with an inter-monomer dihedral angle
distribution chosen from a Boltzmann distribution of the inter-
monomer torsional potential. Statistical averaging of probabil-
ity distributions used to parametrise the coarse-grained model
was carried out only when the distributions ceased to display
systematic variations with time, which typically took ≈2 ns.
Unless otherwise stated, statistical errors are reported as one
standard error in the mean.39
2.2 Coarse-grained model parametrisation
Following Ref. 25, each coarse-grained (CG) P3HT monomer
unit was modelled as three separate spherical sites, repre-
senting (1) the centre-of-mass of the thiophene ring and
the centres-of-mass of (2) the first three and (3) last three
methyl groups of the hexyl sidechain, as illustrated in Fig. 2.
Although the interactions between pairs of spherical sites
are isotropic, the overall interactions between monomers are
anisotropic and, along with bonded interactions that favour
chain conformations consisting of coplanar monomers, can
produce anisotropic chain aggregation, as shown in the results
below.
Coarse-grained polymers were simulated in implicit solvent
using Langevin dynamics39,40 at constant volume (NVT en-
semble) according to the equation-of-motion
mir̈i(t) = f i(t)−miγṙ i(t)+Γi(t) , (1)
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which accounts for the effects of the frictional drag and ran-
dom collisions of solvent molecules on the polymer chains.
Here, mi and ri are the mass and position respectively of par-
ticle i, f i = −∇iU({rN}) is the conservative force acting on
particle i due to the total CG potential energy U , γ is the
friction coefficient, and t is the time. The random force Γi
acting on particle i satisfies ￿Γi(t)￿ = 0 and ￿Γi(t)Γ j(t ￿)￿ =
2γkBT miδi jδ (t − t ￿).
The interactions between CG P3HT sites that determine
the potential energy U were optimised by the iterative Boltz-
mann inversion (IBI) method,23,41 following the procedure de-
scribed in Ref. 42, to match the radial distribution functions
(RDFs) between non-bonded sites and bond, angle, and dihe-
dral distributions of an equivalent atomistic system (i.e. a sys-
tem with the same number and length of polymer chains and
average system volume). In this way, the interactions between
CG sites were parametrised to give an accurate representation
of the local structure in the atomistic simulations. The bonded
CG interactions were fitted to analytical functions, while the
non-bonded interactions were fitted by a tabulated numerical
potential. Because the solvent molecules are not explicitly
simulated in the CG model, the resulting non-bonded CG in-
teractions are effective solvent-mediated interactions. Due to
the statistical-mechanical relationship between the RDF and
the free energy versus distance between a pair of particles in
the presence of other particles such as solvent,43 optimisa-
tion of the non-bonded CG interactions to match the atom-
istic RDFs produces CG interactions that include contribu-
tions from many-body solvent–solvent and solvent–polymer
correlations and therefore also solvation entropy and enthalpy,
even though explicit solvent degrees of freedom are integrated
out. The potential functions and optimised parameters in the
CG model are given in the Supplementary Information.
The bonded and non-bonded CG interactions were opti-
mised respectively in simulations of 4 decamers in anisole and
of 40 monomers in anisole. Both simulations were carried
out at 353 K and a concentration of 5.4-wt%, for which 1134
anisole molecules were used. Non-bonded and bonded inter-
actions within the individual monomers were first optimised
in the monomer simulations. These parameters were then
fixed and the remaining bonded interactions were optimised
in the decamer simulations. The previously optimised inter-
actions gave good agreement after all interactions had been
optimised. Decamers were used to parametrise the bonded in-
teractions, as these have previously been shown to accurately
represent the behaviour of long-chain polymers in the coarse-
graining procedure.44 The density of the constant-volume CG
systems was set to the average density of the corresponding 1-
atm constant-pressure atomistic system. The average volume
of the monomer and decamer simulations was (6.09 nm)3 and
(6.08 nm)3 respectively. These average box dimensions were










































































Fig. 3 Radial distribution functions of non-bonded sites from a
constant NPT simulation of 40 P3HT monomers and 1134 anisole
molecules (5.4-wt% P3HT) at 353 K and 1 atm (circles) and from a
constant NVT simulation of the equivalent CG system (solid lines)
using optimised CG interaction potentials (dashed lines). Site type
definitions are given in Fig. 2.
camer and the Lennard-Jones cut-off distance. The time step
in the CG simulations was 8 fs. As an illustration of the match-
ing of the atomistic and CG structural distributions, the atom-
istic and CG RDFs and optimised CG pair potentials for the
non-bonded interactions are shown in Fig. 3. The remaining
distributions and optimised CG potentials for bonded interac-
tions are given in the Supplementary Material.
To match the dynamics in the atomistic and CG simula-
tions, the Langevin dynamics friction coefficient γ was set to
(180 fs)−1 in the CG simulations so that the mean squared
displacement (MSD) of the monomer centre-of-mass versus
time, ￿r2(t)￿, was the same in the atomistic and CG simu-
lations of P3HT monomers, as shown in Fig. 4. This value
of γ corresponds to conditions of high friction and is consis-
tent with values derived previously for Langevin dynamics of
CG models of polymers in implicit solvent45,46 using the same
method of matching the MSD in atomistic and CG simulations
of monomers. This value is close to the limit of what can be
used with an 8-fs time step using the Langevin dynamics al-
gorithm40 employed by our CG simulations, which requires
simulation time steps much smaller than 1/γ , but alternative
algorithms47 exist that circumvent this limitation.
2.3 Mesoscale coarse-grained simulations
Langevin dynamics simulations of the parametrised coarse-
grained model were carried out for the P3HT chain lengths
4 | 1–12


























Fig. 4 Mean squared displacement of monomer centre-of-mass vs
time from a constant NPT simulation of 40 P3HT monomers and
1134 anisole molecules (5.4-wt% P3HT) at 353 K and 1 atm
(dashed line) and from a constant NVT simulation of the equivalent
CG system (solid line) with friction coefficient γ = (180 fs)−1.
(300 monomers ≈ 50 kDa) used experimentally to prepare
P3HT nanofibres in anisole in Section 3. Under these con-
ditions, microsecond time-scale simulations were required to
observe aggregation of the P3HT chains at room tempera-
ture (293 K). Eight separate 6-µs simulations of a single 300-
monomer chain in a (129 nm)3 box were carried out at 293 K,
with each simulation starting from a different initial configu-
ration in which the inter-monomer dihedral angles were se-
lected from a Boltzmann distribution of the inter-monomer
torsional potential. Two separate large-scale simulations of
systems of sixteen 300-monomer chains were simulated in
a (2200 nm)3 box at the solution concentration (0.05 wt%)
used experimentally to prepare P3HT nanofibres. The ini-
tial configurations consisted of randomly positioned and ori-
ented molecules, with Boltzmann-distributed inter-monomer
dihedral angles. The simulations were each run for ≈4 µs at
293 K to mimic the experimental conditions for self-assembly
of nanofibres upon cooling to this temperature.
For comparison, single-chain and large-scale simulations
of equivalent systems were also carried out for several other
thermodynamics conditions. Two 12-µs single-chain simula-
tions were undertaken at each of 323 and 353 K and one 12-µs
single-chain simulation was carried out at 308 K. The first two
temperatures are above the temperature of ≈35◦C = 308 K
at which P3HT started to form nanofibres in anisole in the
experiments in Section 3, based on the observed aggregation-
induced colour change of the solution that occurred upon cool-
ing. The last temperature is at the onset temperature for
nanofibre formation. Previous nanofibre experiments using
the same preparation method but with half the P3HT concen-
tration in anisole and a slightly different cooling rate found a
similar temperature for nanofibre formation by monitoring the
change in absorbance of the solution at 596 nm.6
Large-scale sixteen chain simulations were also carried out
for 3.9 and 0.6 µs, respectively, at 353 K and at 293 K us-
ing pair potentials that were reduced by 10% from those
parametrised for P3HT in anisole, i.e. by multiplying all pair
potentials in the coarse-grained model of P3HT in anisole at
all distances by 0.9. The latter simulation was carried out to
mimic P3HT in a better solvent than anisole in which P3HT
does not aggregate at room temperature, in order to investigate
the impact of aggregation in anisole at 293 K on P3HT mor-
phology, since reducing the polymer–polymer pair potentials
in the implicit solvent model is equivalent to making polymer–
solvent interactions more favourable.
3 Experimental methods
3.1 P3HT nanofibre preparation
Regioregular poly(3-hexythiophene-2,3-diyl) (P3HT) was ob-
tained from Rieke Metals, (molecular weight (Mw) = 50 kDa,
regioregularity 90–94%). Anisole (Merck, Germany) was
used as a solvent in which P3HT was marginally soluble.
Using the same approach as Samitsu et al., 6 P3HT nanofi-
bres were prepared by the whisker method,4 a reliable pro-
cess for forming very high-aspect-ratio nanostructures. P3HT
(1 mg) was dissolved in anisole (2 g) to make a 0.05-wt%
solution. The solution was heated under agitation to 80◦C to
achieve complete dissolution. Stirring was stopped and the so-
lution was gradually cooled at a controlled rate of 20◦C/hour
to room temperature, whilst protected from ambient light and
heat. The nanofibre solution was used within several days of
preparation.
3.2 P3HT nanofibre characterisation
Solution-phase absorption spectra were collected on a Cary
5000 UV-Vis-NIR spectrophotometer (Varian) using a 1-cm
quartz cuvette. The nanofibre spectrum was measured in
anisole and compared with that of uncollapsed P3HT dis-
solved in HPLC grade tetrahydrofuran (Scharlau, Spain), a
moderately good solvent for P3HT.
For atomic force microscopy (AFM) characterisation,
nanofibres were deposited on SiO2/Si substrates by spin-
coating from anisole at ≈3000 rpm in air (after diluting the
solution to 0.01 wt%) until residual solvent had evaporated.
AFM was performed in air with a NT-MDT Ntegra Solaris
AFM+SNOM operating in tapping mode. Imaging was per-
formed using a silicon cantilever with a spring constant of
0.2 N/m, for which the amplitude was carefully adjusted in
order to obtain clear images. The height and width measure-
ments of the nanofibres were obtained from cross-sectional
AFM images obtained perpendicular to the long axis of the
nanofibre. The width of a nanofibre was determined as the full
width at half maximum of the cross-section.
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Fig. 5 Size of largest cluster versus time for single-chain aggregates from simulations at 293 K where the final structure was (A) a hairpin (B)
a helix and (C) an uncollapsed chain.
4 Results and discussion
4.1 Single-chain coarse-grained simulations
In the single-chain coarse-grained simulations, which are ef-
fectively at infinite dilution since the simulation box is large
enough that the chain cannot interact with itself, the 300-
monomer P3HT chains were found to aggregate in anisole at
293 K on the microsecond time scale to form two distinct
nano-scale structures: “hairpins”, in which the chain folds
back on itself once or twice to form two or three π-stacked lay-
ers, and “helices”, in which the chain forms a spiral of diam-
eter 5–8 nm of multiple π-stacked layers. Of the eight chains
simulated at this temperature, three were observed to form he-
lical structures, three folded into hairpin structures, and two
remained unaggregated at the end of 6 µs.
Fig. 5 illustrates the aggregation dynamics of the single
chains in terms of the largest cluster of monomers in the sys-
tem for three of the simulations at 293 K in which the final
structure was a hairpin, a helix, and an uncollapsed chain, re-
spectively. Two monomers were deemed to be part of the same
cluster if their centres-of-mass were closer than 7 Å and if they
were not directly bonded to one another. The results in Fig. 5
(and those from the other five simulations that are not shown)
suggest a critical cluster size of around 80 monomers to nu-
cleate a stable aggregate: the chains form transient clusters of
up to 80 monomers that fall apart on the sub-µs time scale, but
clusters that exceed the critical size do not come apart on the
time scale of the simulations. This result is consistent with
experimental evidence that poly(3-alkylthiophenes) with less
than 60–70 monomers per chain do not form nanofibres.2
Fig. 6 shows the total non-bonded pair potential energy and
total bonded (bond, angle, dihedral, and improper dihedral)
potential energy of the system versus cluster size averaged
over all of the simulations forming hairpin and helical aggre-
gates. The total bonded potential energy in Fig. 6 is the same
for both aggregate types and decreases slightly with increas-
ing aggregation, mainly due to a decrease in the dihedral en-
ergy as a result of the planarisation of the polymer backbone
that occurs with aggregation. The total non-bonded pair po-
tential energy, on the other hand, decreases substantially with
cluster size for both the hairpin and helical structures. For
clusters smaller than the apparent critical cluster size of ≈80,
the pair energy for a hairpin aggregate is significantly more
negative than that for a helical aggregate. This result suggests
that nucleation of hairpin aggregate structures may be more
favourable than nucleation of helices. This hypothesis is borne
out by the results of the multi-chain simulations (discussed be-
low), in which the multi-chain aggregates that were formed at
293 K consisted exclusively of π-stacked hairpins.
The total pair energy of the helical aggregates does become
more negative than that of hairpin aggregates for cluster sizes
6 | 1–12
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Fig. 6 Total non-bonded and bonded potential energy versus largest
cluster size (relative to the average energy for a cluster size of one)
from simulations at 293 K for single-chain aggregates with final
structures of hairpin and helix morphology. (Error bars are one
standard deviation.)
larger than ≈160 monomers, as the helix forms multi-layer π-
stacks in which a monomer is able to interact strongly with
monomers in more than one adjacent layer. But this energetic
advantage of the helical structure in single-chain aggregates
should not be significant in multi-chain aggregates, in which
hairpins are also able to form multi-layer π-stacked aggre-
gates. There is experimental evidence that P3HT forms heli-
cal aggregates under certain conditions: AFM measurements
of P3HT aggregates formed by adding hexane to a chloroform
solution of P3HT found disk-shaped particles with a diameter
of 3–5 nm,48 consistent with the diameters of the P3HT he-
lices in our simulations. Our AFM measurements also show
evidence of circular nanometre-sized objects that could have
been helices, but these objects were difficult to characterise.
The analysis given above of the propensities of aggregates
to form hairpins or helices does not account for the configura-
tional entropy of the polymer chain, which is expected to be
similar for the two aggregate types at a given cluster size or,
if anything, be more favourable for hairpins. Assuming for
the sake of simplicity that the aggregated part of the chain has
no internal configurational degrees of freedom, the configura-
tional entropy of the aggregating chain can be approximated as
that of a chain of reduced length equal to the total number of
monomers minus the number of monomers in the aggregate,
regardless of whether aggregation occurs from the chain end
(in the case of helices) or from the chain centre (in the case of
hairpins). In reality, the aggregated chain segments do exhibit
some flexibility, with hairpins more flexible than the tightly
wound helices, indicating a higher entropy for hairpins com-
pared with helices for a given cluster size that would further
favour hairpin formation over helix formation.
While P3HT aggregation was observed in the single-chain
simulations at 293 K, as well as in the single-chain simu-
lation at 308 K, no aggregation occurred at 323 or 353 K,
even after 12 µs. This result agrees with our experimental ob-
servations that 0.05-wt% P3HT in anisole only form nanofi-
bres upon cooling below around 35◦C = 308 K, based on the
aggregation-induced colour change of the solution from or-
ange to purple that occurs as nanofibres self-assemble.
The conformation of the P3HT polymer chains at 323 and
353 K was characterised in terms of the radius of gyration Rg










r2i j , (2)
where N is the number of monomers in the chain and ri j is
the distance between the centres-of-mass of monomers i and
j. The persistence length is given by the decay in the orienta-
tional correlation function
￿cosθ(l)￿ ∼ exp(−l/lp) , (3)
where cosθ(l) is the angle between inter-monomer bond vec-
tors for bonds separated by a distance l along the contour of
the chain.49 The average radius of gyration ￿Rg￿ from the sim-
ulations of single P3HT chains in anisole at 323 and 353 K was
14.9± 1.3 nm and 15.3± 1.0 nm, respectively. The persis-
tence length at these temperatures was 6.4±0.3 nm and 6.1±
0.2 nm (or 16.7± 0.9 monomers and 15.9± 0.5 monomers),
respectively. The only experimental data on the radius of gyra-
tion and persistence length of P3HT that appear to be available
is from light scattering measurements of regiorandom P3HT
at 25◦C in tetrahydrofuran,50 a moderately good solvent for
P3HT. The radius of gyration from these experiments for a
slightly higher molecular weight sample (Mw = 75.4 kDa cf.
50 kDa in our simulations) was 16.8 nm and the persistence
length was 2.4±0.3 nm. Although direct comparison of these
measurements and our simulations is not possible, because of
the different temperatures, solvent, and polymer regiogulari-
ties and high polydispersity (1.9) of the polymer used in the
experiments, our results for regioregular P3HT are consistent
with the expectation that regioregular P3HT would be more
ordered than regiorandom P3HT and therefore have a higher
persistence length.
4.2 Multi-chain coarse-grained simulations
Fig. 7 shows configuration snapshots from coarse-grained
simulations that had been run for 3.9 µs of sixteen 300-
monomer P3HT chains at experimental (0.05-wt%) concen-
tration in anisole at 293 and 353 K. As was found in the
single-chain (infinite dilution) simulations, P3HT aggregates
at 293 K (Fig. 7B), whereas it remains as uncollapsed chains
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Fig. 7 Configuration snapshots taken after 3.9 µs from coarse-grained simulations of sixteen 300-monomer P3HT chains at 0.05-wt%
concentration in anisole at (A) 353 K and (B) 293 K. An example of an aggregated structure is shown magnified on the right viewed from two
orientations, in which the vertical direction corresponds to (top image) the [100] axis or alkyl side-chain direction and (bottom image) the
[010] axis or π-stacking direction. For clarity, the different polymer chains are coloured differently and the hexyl side chains are not shown.
at 353 K (Fig. 7A), in agreement with the experimental ob-
servations that P3HT is fully dissolved at 353 K and forms
nanofibres as the temperature approaches 293 K.
Fig. 7B suggests the incipient stages of nanofibre forma-
tion. Although some chains in the two 16-chain simulations
carried out at 293 K were found to form isolated helix-shaped
structures, aggregation of several chains was found to produce
ordered multi-chain π-stacked structures in which the individ-
ual chains adopt a hairpin-like structure with two to four loops
(see the magnified structure in Fig. 7). One three-chain aggre-
gate and 7–10 single-chain aggregates (predominantly hair-
pin structures) were observed per 16-chain simulation. Some
chains did not aggregate during the course of simulations. As
discussed above for the single-chain simulations, nucleation
of hairpin structures appears to be favoured energetically and
is therefore the dominant aggregation pathway observed in the
simulations.
The dynamics of self-assembly of such incipient nanofibre
structures is illustrated in Fig. 8 for the multi-chain aggregate
formed in the simulation at 293 K not shown in Fig. 7. Dif-
fusive motion brings several chains close enough together to
interact; chain segments come together, then come apart again
due to thermal motion, but if a critical number of monomers
come into contact to form favourable π-stacking interactions,
a stable nucleus is formed that continues to aggregate; even-
tually the rest of the chains collapse to become part of the
aggregate. The process is analogous to a zipping action, in
which chain segments move together to maximise backbone
contact starting generally from the chain centre then moving
to the more mobile free chain ends. Both 16-chain simula-
tions indicate that the aggregates grow predominantly along
the [010] π-stacking direction rather than the [100] alkyl side-
chain direction, which is consistent with experimental obser-
vations that the long axis of P3HT nanofibres corresponds to
the [010] axis.
The three-chain aggregate in Fig. 7 has six π-stacked lay-
ers along the [010] axis and two layers along the [100] axis,
while that in Fig. 8 also has six π-stacked layers along the
[010] axis, but only one layer along the [100] axis. The sim-
ulations overestimate slightly the spacing between π-stacked
layers, giving a value of around 0.5 nm compared with the ex-
perimental value of b = 0.38 nm. This is largely due to the
approximation of the thiophene ring as a spherical site in the
coarse-grained model, which overestimates the steric bulk of
the ring in the π-stacking direction. With only one example of
a chain forming a second layer along the [100] axis in our sim-
ulations (in the aggregate in Fig. 7), there is some uncertainty
in our estimate of the layer spacing in this direction; however,
the measured values of 1.7 to 2 nm are consistent with the ex-
perimental value of a = 1.68 nm. Larger configurational fluc-
tuations in our solution-phase aggregates compared with the
fully-formed nanofibres measured experimentally in the solid
state probably contribute to the overestimates of the a and b
spacings.
Depending on the experimental methods and polymer
molecular weights used to prepare P3HT nanofibres, a range
of nanofibre widths (measured along the [001]-axis) from 15
to 50 nm have been measured.4,6,8,9,51 Fig. 9 shows the dis-
tribution of widths of P3HT nanofibres prepared using the
methods described in Section 3. The nanofibre preparation
used the same solvent (anisole) and polymer molecular weight
(50 kDa) and involved cooling to the same final tempera-
ture (293 K) as the simulations, making these measurements
most directly comparable with our simulations. The simu-
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Fig. 8 Self-assembly of three P3HT 300-mers from a simulation of sixteen 300-monomer P3HT chains at 0.05-wt% concentration in anisole
at 293 K after (A) 0.06 µs, (B) 1 µs and (C) 4.4 µs. For clarity, the different polymer chains are coloured differently and hexyl side chains are
not shown.
Fig. 9 Experimental width distribution of P3HT nanofibres from
AFM images (inset).
lated widths of the multi-chain aggregates in Figs. 7 and 8,
measured along the direction parallel to the chain axis, of 36
and 50 nm, respectively, are consistent with the experimen-
tally measured widths from Fig. 9 of 49± 13 nm, where the
uncertainty has been taken as two standard deviations of the
width distribution.
The simulations provide details of the molecular-level or-
ganisation of P3HT within incipient nanofibre aggregates that
cannot be resolved experimentally. Figs. 7 and 8 show that,
in general, the chains lie in the same (100) plane but loop
back into different (010) planes in the π-stacking direction.
This occurs because the aggregates grow predominantly by π-
stacking and not by stacking in the alkyl side chain direction.
As a result, the same chain does not generally span different
layers in the height (alkyl side chain) direction. The aggre-
gates also exhibit internal loops, where the chains loop back
on themselves within the aggregate rather than at the ends. In
both the single-chain hairpin structures and multi-chain aggre-
gates observed in the simulations, the diameter of curvature
of the end loops formed by the chains was limited to values
larger than 2.0 nm (with values up to 3.4 nm measured). The
lower bound on the curvature diameter is set by the bending
rigidity of the P3HT chain, which is in turn determined by the
intra-monomer bonded interactions. With the spacing along
the [010] axis (≈0.5 nm) being several times smaller than
the minimum curvature diameter, adjacent chain segments in
the [010] π-stacking direction in multi-chain aggregates must
generally correspond to different chains to minimise the num-
ber of monomers in the end loops lacking favourable non-
bonded interactions with nearby monomers. On the other
hand, single-chain hairpin aggregates, such as those shown in
Fig. 5, always exhibit an end loop in which the monomers are
not in contact with other monomers.
To further investigate the impact of aggregation on P3HT
morphology, a 16-chain simulation was also carried out at
293 K with the strength of the non-bonded interactions be-
tween coarse-grained P3HT sites reduced by 10% of the in-
teractions parametrised for P3HT in anisole, which mimics
the effect of simulating P3HT in a better solvent than anisole
and eliminates aggregation at 293 K, since it is equivalent to
changing the temperature for the non-bonded interactions to
326 K, where it was shown above that P3HT does not aggre-
gate in anisole. Although unaggregated P3HT could have also
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been simulated anisole at a higher temperature (e.g. 323 K),
torsional motion of the polymer backbone would also increase
with temperature, making it impossible to deconvolute the ef-
fects on structural properties due to thermal motion of the
polymer backbone or due to aggregation.
The change in aggregation behaviour on decreasing the in-
teraction strength by 10% also provides an indication of the
proximity of the P3HT/anisole system at 293 K to coexistence
between the aggregated and non-aggregated phases. This
change in the interactions corresponds to a decrease in the
well depth in the potential energy curve for the non-bonded
pair interactions by just ≈0.05 kcal/mol or 0.1kBT at this tem-
perature, suggesting that the system is close to coexistence at
293 K. This result is consistent with the experimental observa-
tion that anisole is a marginal solvent for P3HT at room tem-
perature and also explains the propensity of P3HT to form or-
dered nanostructures in this solvent: the interactions between
P3HT chains in anisole are just strong enough to allow chains
to aggregate at room temperature, but weak enough that the
chain segments do not become kinetically trapped in disor-
dered metastable minima before reaching ordered global min-
imum energy structures.
The persistence length was calculated using eqn (3) for
the uncollapsed chains in the simulation with reduced P3HT–
P3HT interactions at 293 K and found to be 7.5 ± 0.2 nm,
similar to the values obtained for uncollapsed P3HT in anisole
from the single-chain simulations in Section 4.1 at 323 K and
353 K. The width of the multi-chain aggregates of ≈50 nm in
the simulations of P3HT in anisole at 293 K provide an es-
timate for the persistence length of P3HT in the aggregated
state. Thus the persistence length increases by an order-of-
magnitude upon aggregation due to the formation of the or-
dered lamellar structures in the aggregated state.
4.3 Implications for electronic properties
The increased order in the polymer chain due to aggrega-
tion has consequences for electronic properties. A simple
estimate of the conjugation length of P3HT can be obtained
by assuming that P3HT is broken into electronically isolated
units (chromophores) if the inter-monomer dihedral angle ex-
ceeds a particular threshold value. Following previous esti-
mates of conjugation lengths in simulations of P3HT,18,52 a
threshold value of 40◦ was chosen, above which quantum cal-
culations have shown that electronic properties become sig-
nificantly different from the coplanar monomer case.53 The
calculated distributions of conjugation lengths for unaggre-
gated P3HT in the simulations with reduced P3HT–P3HT in-
teractions and for multi-chain aggregates in anisole at 293 K
are shown in Fig. 10. Aggregation of P3HT was found to
result in increased planarisation of the polymer chains, with
the average conjugation length increasing significantly upon
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Fig. 10 Distribution of conjugation lengths in unaggregated and
aggregated P3HT from simulations at 293 K.
aggregation from 3.7 to 6.0 monomer units. We have es-
timated the consequences of this increased planarisation of
P3HT with aggregation on the UV-vis absorption spectrum
by assuming that absorption by the chromophores in P3HT
follows the same behaviour as that measured experimentally
for thiophene oligomers as a function of length.54 Fitting the
energy of the experimental absorption maximum E (in eV,
measured in dichloromethane) versus oligomer length n (in
monomer units) to E = 2.234 + 3.723/n and assuming lin-
ear scaling of the square of the transition dipole moment with
chromophore length,55 the absorption maximum can be esti-
mated as the peak of the function n(E)P(E)= nP(n)/|dE/dn|,
where P(E) and P(n) are the probability distributions of chro-
mophores as a function of energy E and of length n, respec-
tively. Using the conjugation length distributions for aggre-
gated and unaggregated P3HT from our simulations, this anal-
ysis predicts a red shift in the absorption maximum Emax of
0.24 eV (from 2.65 eV to 2.41 eV), which compares reason-
ably well with the experimental red shift of 0.34 eV (from
2.77 eV to 2.43 eV) from unaggregated P3HT in THF to P3HT
nanofibres in anisole at room temperature (see Supplementary
Information). While full quantitative agreement with experi-
mental results would require a more rigorous treatment of the
electronic structure of P3HT,56 this simple analysis demon-
strates that the increased planarisation of P3HT chains upon
aggregation makes a substantial contribution to changes in the
absorption spectrum of P3HT and also provides further exper-
imental validation of the coarse-grained P3HT model.
Many aspects of the electronic properties of P3HT nanofi-
bres are still not well understood, including the observa-
tion of both H- and J-aggregate spectral features in a sin-
gle nanofibre.57 The calculations above illustrate how physi-
cally accurate coarse-grained simulation models can elucidate
the molecular-level structural origins of electronic properties
of self-assembled conjugated polymer nanostructures. The
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coarse-grained P3HT model developed in this work, if cou-
pled to a more sophisticated electronic model58,59 allowing
morphological effects on excitonic coupling and exciton mi-
gration to be investigated, could address these open questions,
since it is sufficiently computationally efficient to simulate the
formation of structural domains of the size observed in nanofi-
bres,8 but also retains sufficient molecular-scale detail to de-
scribe intra- and inter-chain coupling.
5 Conclusions
In conclusion, a coarse-grained simulation model of poly(3-
hexylthiophene) (P3HT) in implicit anisole solvent was sys-
tematically parametrised by matching the local structure and
dynamics in simulations of the model with that measured in
simulations of an atomistic model. The coarse-grained model
made it possible to simulate experimentally relevant polymer
chain lengths and solution concentrations. The coarse-grained
model was used to investigate the mesoscale structure and dy-
namics of P3HT in anisole, a solvent in which P3HT is known
to self-assemble into high-aspect-ratio nanofibres when a so-
lution of the polymer is cooled from elevated temperatures to
room temperature. P3HT nanofibres were also prepared ex-
perimentally and characterised by atomic force microscopy
and UV-vis spectroscopy. The coarse-grained simulations
were found to agree well with experiments for the temperature
dependence of aggregation of P3HT in anisole and for struc-
tural properties of P3HT aggregates such as nanofibre widths.
At infinite dilution at 293 K, single P3HT chains were found
to collapse to form two distinct nano-scale aggregate mor-
phologies, namely hairpins and helices. Nucleation of hair-
pin structures, which are the precursors of nanofibres formed
experimentally, was shown to be favoured energetically under
these conditions. At 293 K and experimental concentrations,
P3HT was found to form multi-chain aggregates comprising
interleaved hairpin-structured chains. These aggregates were
found to grow predominantly in the [010] π-stacking direc-
tion, with individual chains forming loops in the same (100)
plane. The minimum curvature diameter of the chain loops
at the sides of the aggregates was several times larger than
the spacing between π-stacks. Consequently, adjacent chain
segments in the π-stacking direction must generally belong to
different chains. Aggregation was shown to result in signifi-
cant planarisation of the P3HT chain, which has consequences
for the polymer’s conjugation length and electronic properties.
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